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Abstract

The morphology and mechanical properties of emulsion blended samples of poly(tetra¯uoroethylene) (PTFE) and poly(tetra¯uoroethyl-

ene-co-vinylidene ¯uoride-co-hexa¯uoropropylene) (FKM) were investigated. Film samples with varying levels of PTFE content and

varying degrees of FKM covalent cross-linking were produced. It was observed at room temperature that below 50 wt% PTFE content,

cross-linking the FKM can have a much larger in¯uence on the tensile modulus than changing the PTFE content. Above 50 wt% PTFE,

however, the modulus showed a near exponential increase with respect to increasing PTFE content. Without cross-linking, the toughness of

the cast blends was shown to systematically decrease as the PTFE content was increased. However, when the FKM was cross-linked in ®lm-

form with 20±60 wt% PTFE, more stress was apparently transferred to the PTFE particulate leading to a higher elongation-to-break and a

higher toughness. DMA analyses revealed a systematic increase of the storage moduli with increasing PTFE content. A tan d peak at ca.

2108C was observed which corresponds to the glass transition of the FKM and the magnitude of this peak was observed to decrease

systematically with decreasing FKM content or with increasing levels of FKM cross-linking. For the levels of cross-linking tested, however,

this peak reduction due to cross-linking was not observed to be as signi®cant as increasing the PTFE content. For all PTFE content levels

studied, the transmission electron microscopy (TEM) examination revealed a dispersed morphology for the PTFE particulate with the FKM

forming a continuous matrix. The PTFE particulate were observed to be ca. 0.2 mm in size and only slightly aggregated. The phase images

from the tapping-mode atomic force microscopy showed that this is a useful technique for imaging morphology that lies parallel to the plane

of the ®lm surface, and for developing correlations with the TEM results of the bulk structure. q 2001 Elsevier Science Ltd. All rights

reserved.
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1. Introduction

The unusually high thermal stability, the environmental

resistance, and the chemical inertness of ¯uoropolymers is

well known, and makes the use of these materials desirable

for many demanding applications [1]. However, matching

the mechanical properties to the required performance

speci®cations has presented many challenges. For example,

poly(tetra¯uoroethylene) (PTFE) and other ¯uoroplastics

have high moduli but are also prone to creep and are gener-

ally dif®cult to process [2,3]. Fluoroelastomers are ideal

under extreme conditions where the polymer must bear

much deformation and absorb considerable mechanical

energy, but they must be cross-linked to reduce creep and

improve modulus. Reducing the glass transition temperature

of the ¯uoroelastomers and improving the stability of their

cross-links have been the subject of much research since the

1940s [3]. Rather than adding a common ®ller such as

carbon black [4], blending a ¯uoroplastic with a ¯uoroelas-

tomer presents the opportunity to exploit the desirable prop-

erties of each. This research will thus seek to examine the

utility of using PTFE to reinforce a ¯uoroelastomeric

matrix. Fluoroelastomers are commonly produced by copo-

lymerizing the various ¯uoromonomers which are available,

and so this research used the terpolymer of the random

copolymerization of tetra¯uoroethylene, vinylidene ¯uor-

ide, and hexa¯uoropropylene-Ð- poly(tetra¯uoroethylene-

co-vinylidene ¯uoride-co-hexa¯uoropropylene) (FKM) [3].

Polymer 42 (2001) 4619±4633

0032-3861/01/$ - see front matter q 2001 Elsevier Science Ltd. All rights reserved.

PII: S0032-3861(00)00832-6

www.elsevier.nl/locate/polymer

* Corresponding author. Tel.: 11-540-231-5498; fax: 11-540-231-9511.

E-mail address: gwilkes@vt.edu (G.L. Wilkes).



The unique structure of PTFE gives this polymer many

unusual and useful characteristics. The high stability of the

carbon±¯uorine bonds makes it chemically inert even at

high temperatures and the bulkiness of the pendant ¯uorine

atoms, relative to hydrogen, provides an additional shield-

ing effect for the carbon backbone of the molecule. PTFE

also exhibits unusual toughness at temperatures as low as

22738C, yet it possesses a remarkably high nascent crystal-

line melt temperature of 3428C [1]. High molecular weight

PTFE (ca. 106±107 Da) has a very high melt viscosity of ca.

1011 poise at 3808C [1,2]. Its outstanding thermal stability

provides this polymer with useful properties over a 5508C
range [1] PTFE also has a very low dielectric constant (ca.

2.1) and dissipation factor (,0.0004) that are both stable

over a broad range of temperatures and frequencies

(60±109 Hz) [1]. The combination of these properties

together with its well-known low friction coef®cient, excel-

lent weatherability, and low surface free energy allow PTFE

to perform well in many demanding environments, making

it an ideal polymer uniquely suited for a variety of specialty

applications [3]. Some of these applications include surface

coatings, casting ®lms, architectural fabrics, acoustic

membranes, expansion joint materials, ¯exible braided

hose, conveyor belts, gaskets, electrical insulation, and

®re-resistant thermal insulation [1,5].

On the other hand, PTFE does have some properties

which require special techniques to be applied for its

analysis and application. It is insoluble in all common

solvents below 3008C, limiting characterization by typical

methods such as gel permeation chromatography, osmo-

metry, or other common solution characterization methods

[6]. Therefore, the PTFE molecular weight is usually

classi®ed by melt viscosity at 3808C or through correla-

tions based on speci®c gravity or percent crystallinity

[2,6]. Its very high melt viscosity generally precludes

the use of conventional polymer processing techniques

such as injection molding or melt extrusion [1]. Lower

molecular weight PTFE (melt viscosity below ca. 109

poise at 3808C) is brittle but, because it retains its

low coef®cient of friction, it is often applied as a dry

lubricant [6]. Greater toughness is obtained at molecular

weights of ca. 106±107 Da (1010±1012 poise at 3808C);

however, once the high molecular weight PTFE has been

melted, regaining its high nascent crystallinity is not

possible due to molecular constraints such as enhanced

chain entanglement [2,6]. Because of these considera-

tions, the most commonly utilized processing techniques

all incorporate a `sintering' step after molding and pressing

the granular resins into the desired shape followed by heat-

ing above the melt temperature [2]. The cooling rate can be

controlled to achieve the desired level of crystallinity

(although below the nascent crystalline fraction) after the

heat treatment and this new percent crystallinity largely

determines the ®nal mechanical properties of the polymer

[1]. The other major type of operation used involves spin-

ning ®bers or coating materials using aqueous dispersions of

PTFE and these methods frequently also include a sintering

step [1].

PTFE is generally produced via a free radical polymer-

ization typically performed under moderate pressure

(100±1000 psi) and in warm water (ca. 60±958C) [3].

The most common initiator used for this polymerization

is a mixture of potassium persulfate, hydrogen peroxide,

and oxygen [3,7]. Abstraction reactions are not thermody-

namically favorable for ¯uorocarbons, thus there is mini-

mal chain transfer or disproportionation [3]. Termination

therefore occurs by combination, principally resulting in

one PTFE molecule for each persulfate ion decomposed

[3]. Two techniques are generally employed for the poly-

merization of PTFE. Suspension polymerization in an

aqueous medium utilizes vigorous agitation and little or

no dispersing agent [2]. The product from this method

precipitates into granular resins which are produced in a

wide variety of grades tailored to meet the desired ¯ow

speci®cations and end-use properties [2]. These granular

resins are typically composed of high molecular weight,

ca. 1 mm sized particles which have very high nascent

crystallinity (ca. 95% or higher) [3]. Emulsion polymeri-

zation is the other main technique and it is also called

`aqueous dispersion polymerization'. This process utilizes

mild agitation and adequate amounts of dispersing agents

(such as per¯uorocarboxylic acid) to yield a very different

product [2,3]. Although still of high molecular weight

and high nascent crystallinity, the product of this tech-

nique is a stable dispersion of small, colloidal particles

ca. 0.2±0.3 mm in size [6]. Whereas the granular resin

products can be molded into various shapes by pressing

and sintering, the aqueous dispersions are generally used

for dispersion coating or paste extrusion [2].

It should be emphasized that both these polymerization

techniques are generally used to yield high molecular

weight polymer. One substantial difference between the

high and low molecular weight polymers is that the

nascent particles of high molecular weight PTFE readily

®brillate under shear [6,8]. The extended chain crystal-

line morphology develops easily from the nascent struc-

ture because the PTFE molecule is not highly branched

and because the rapid crystallization during polymeriza-

tion precludes the formation of many entanglements.

This ®brillation can lead to the formation of a physical

network of ®bers which rapidly becomes unworkable [6].

Low molecular weight particles do elongate to some

extent, but then disintegrate, as stated earlier, into the

powder form that is useful as a dry lubricant [2,6]. The

ease with which high molecular weight PTFE ®brillates,

leading to dramatic changes in its properties, substan-

tially limits the usefulness of this material, particularly

where much mechanical work will be borne by the

polymer. On the other hand, many applications would

greatly bene®t from its unique combination of proper-

ties, if it could be incorporated. This challenge has led

to the development of a new class of materials which are
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based on reinforcing a ¯uoroelastomeric matrix with a

high molecular weight ¯uoroplastic particulate [9]. The

problems associated with blending PTFE have meant that

earlier applications of this concept used milling to press the

PTFE microparticulate into the ¯uorinated elastomer which

was subsequently cross-linked [6]. This milling process

required micropowders of low molecular weight PTFE to

be used in order to avoid the processing problems associated

with ®brillation [6]. Also, such additions by milling were

limited to ca. 25 wt% PTFE [6].

In this work we utilize the product of emulsion polymer-

ization. This processing technique blends aqueous disper-

sions of high molecular weight PTFE, ¯uoroelastomeric

latexes, and curative agents [6,9,10]. These blends are

then cast on to a carrier ®lm and dried as described in

Refs. [6,11]. The materials are then thermally cured,

which promotes the cross-linking reactions in the elasto-

mer [6]. This yields a very ¯exible product which can be

produced with homogeneously dispersed ®ller particles of

up to 70 wt% PTFE [6]. Moreover, the use of high mole-

cular weight PTFE provides the possibility later of indu-

cing ®brillation and providing additional reinforcement

[6].

Several factors can be varied in these systems to produce

the desired properties. The PTFE content in the formula-

tion can be adjusted to obtain higher modulus while other

®llers may also be added to the system. Different plastic

and elastomeric components could also be used. To some

extent, the degree of cross-linking can be controlled and

the mechanism used for cross-linking could also be

changed to improve the stability of the cross-links. Further-

more, the possibility of ®brillating the PTFE component

suggests another possible way to increase the modulus at

a given PTFE content and degree of cross-linking. For

example, ®brillation could possibly be induced by applying

shear to the ®lm surface, thus altering the surface properties

relative to the matrix. Given all of these various ways to

control the properties of these new materials, it can be seen

that a better understanding of how the variables relate to

the ®nal properties would be of great importance in further

optimizing the mechanical performance of these systems.

Therefore, this research sought to focus on some com-

positions of industrial importance and explored the

structure±property behavior based on two variables: the

ratio of PTFE to ¯uoroelastomer and the degree of FKM

cross-linking.

2. Experimental

2.1. Materials

The materials used in this study were produced by blend-

ing the components while still in an emulsi®ed, microparti-

culate form. Particle sizes for the polymeric components

generally ranged from 0.01 to 1.0 mm. In the components

for this study, the average particle size in the aqueous state

was determined to be 0.2 mm using a Leeds & Northrup

Microtrac ultra®ne particle size analyzer, which measures

size via dynamic light scattering. Prior to blending with the

other components in the formulations described later in this

section, the aqueous latexes of ¯uoroelastomer were

concentrated to facilitate the casting process using standard

industrial creaming techniques [6].

Vertical casting of the blend utilized a carrier ®lm [11]

which was pulled through the latex. Each immersion in

the latex was followed by a drying step at a temperature

suf®cient to drive off the water, ca. 95±1108C [11]. Each

pass resulted in a coating thickness of ca. 0.03 mm, and

multiple passes were used to obtain a ®nal thickness of

ca. 0.13 mm.

Following casting, the ®lm could be cured by heating it to

promote the cross-linking of the elastomeric component.

The curative used in these samples was N,N 0-dicinnamyl-

idene-1,6-hexane diamine (Diak #3, DuPont) which

undergoes hydrolysis to form cinnamaldehyde and hexa-

methylene diamine. Above 1008C, the hexamethylene

diamine reacts to form covalent cross-links in ¯uoroelasto-

mers which incorporate vinylidene ¯uoride in their compo-

sition [12,13]. This curing step was performed by ®rst

layering uncured or greenleaf plies of the material until a

desired thickness (typically 0.64±1.02 mm) was reached.

Care was taken in stacking the ®lms to minimize the

formation of voids between the layers. Under pressure,

the tackiness of the greenleaf ®lm compounded the plies

into a uniform sheet. Sections of the material were cut

to ®t the two presses (from F.S. Carver, Inc.) used for

curing: a Model M press (22.9 £ 22.9 cm2) and a Model

CMV50H-13-C press (45.7 £ 45.7 cm2). The curing step

for these materials was performed by holding the ®lms

at 300 psi for 30 min at 1778C. An additional post-

curing step was used for some samples, which involved

holding the ®lms under atmospheric pressure for 20 h at

2048C.

Prior to casting, the formulation components of Table 1

were blended together according to the following proce-

dure. First, the curative agent (DIAK #3, Dupont) and

the surfactants (non-ionic surfactant Daxad 11, Hampshire

Chemical and ionic surfactant ammonium caseinate in a
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Table 1

General formulation for the ¯uoroelastomer/¯uoroplastic blends

Parts dry weight by dry

weight of rubber

FKM 100

PTFE Varied

Zinc oxide 10

Diak #3 5

Daxad 11 solution 1.5

Ammonium caseinate 1.5



10% dispersion, Technical Industries) were ball milled until

well mixed and then de-aerated. As stated earlier, the ¯uor-

oelastomer used in this study is a terpolymer of tetra¯uor-

oethylene, vinylidene ¯uoride, and hexa¯uoropropylene;

and it will be referred to as `FKM'. The FKM used for

most of this study will be referred to as `FKM A'. Unpub-

lished work by another laboratory at Virginia Tech deter-

mined that this FKM has a mole percent ratio of 14.9/65.2/

19.9 TFE/VF2/HFP [14]. Aqueous zinc oxide (60% solids,

Technical Industries, Inc.) was mixed into the concentrated

FKM latex followed by the Diak mixture. Finally, the high

molecular weight PTFE dispersion (ca. 60 wt% solids) was

stirred in gently to minimize shear. Following the addition

of these components, the blend was de-aerated for 1 h under

a vacuum of 20 in. of mercury, whereupon it was then

ready to be cast on to the carrier substrate as described in

Ref. [11].

The level of PTFE was varied to produce samples at 0, 20,

40, 60, and 70 wt% PTFE relative to the FKM, while keep-

ing the ratio of all of the other components to the FKM

constant. For each level of PTFE content, greenleaf (i.e.

not cured), cured, and post-cured samples were produced.

As stated earlier, the intensity average particle size for the

PTFE dispersions was found via light scattering to be

0.2 mm.

2.2. Methods

Dynamic mechanical analysis (DMA) was performed on a

Seiko Model 210 in the tensile mode. The samples were

heated from 2110 to 4008C at a rate of 28C/min, and the

storage modulus (E 0) and tan d data were collected at a

frequency of 1 Hz. Bar shaped samples were cut from the

®lms and had dimensions of approximately 0.1 £ 5 £ 15 mm3

with a grip-to-grip distance of 10 mm.

The mechanical properties were also investigated at room

temperature (ca. 228C) through tensile testing based on

ASTM D412 using an Instron 4400R equipped with a

1000 N load cell and Instron Series IX controller software.

Dogbone shaped samples were cut having gauge sections

6.5 mm long by 2.8 mm wide. Thicknesses were typically

ca. 0.15 mm. A 10 mm grip-to-grip distance was used and

the crosshead speed was 200 mm/min. To evaluate the ther-

mal dependence of mechanical properties, some tests were

also performed in an environmental chamber produced by

Russells Technical Products using a Watlow 922 micropro-

cessor for environmental control. Samples were allowed to

condition for 15 min at the test temperature, and humidity

was not controlled. Tests were performed over the range

from 5 to 558C. Samples used in the thermal dependence

part of this study contained no curative, precluding the

formation of any cross-links. Typical greenleaf materials

do contain curative and are known to form some covalent

cross-links due to heating in the drying step of the sample

preparation.

The variation of the degree of covalent cross-linking

between the greenleaf, cured, and post-cured samples was

evaluated via solvent extraction using 2-butanone (methyl

ethyl ketone). Elastomeric samples (0 wt% PTFE) were

held in boiling solvent, and the solvent was drained and

replaced six times at 8 h intervals. After removal from the

solvent, all samples were dried at 1008C at 30 in. of mercury

vacuum.

The morphology of the solid state ®lms was principally

investigated using transmission electron microscopy

(TEM). From samples embedded in epoxy at 608C, very

thin sections were cryogenically microtomed using a

diamond knife on a Reichert±Jung Ultracut-E ultramicro-

tome, with the FC-4D cryo-attachment operating at 2908C.

Ethanol was used to collect the sections on to 600 mesh

copper grids. Micrographs were taken using a Philips

Model 420 T scanning transmission electron microscope

(STEM) operating at an accelerating voltage of 100 kV.

At least three magni®cations were taken for each sample.

`High' magni®cation refers to 37,500 £ on the negative,

`medium' refers to 10,500 £ on the negative, and `low'

refers to 3300 £ on the negative.

Atomic force microscopy (AFM) in tapping mode was
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(A) Young's modulus and (B) toughness.



also used to study the nanoscopic level structure. Experi-

ments were performed on a Digital Instruments scanning

probe microscope using nanosensors tapping etched silicon

probe (TESP) type single beam cantilevers. These cantile-

vers had nominal lengths of ca. 125 mm, force constants of

approximately 35 ^ 7 N/m, and were used at oscillation

frequencies of ca. 290 kHz. All the AFM micrographs

presented here are phase images of the ®lm surfaces.

However, cross-sections of ®lms could be imaged via

AFM micrographs by examining the surfaces of samples

mounted in epoxy for TEM after being smoothed by cryo-

microtoming.

3. Results and discussion

3.1. Mechanical and viscoelastic properties Ð tensile tests

The dependence of the mechanical and viscoelastic prop-

erties of these materials on the level of PTFE content and

covalent cross-linking were investigated through tensile

elongation testing and DMA. The modulus data presented

in Fig. 1(A) suggests that the difference between the green-

leaf and the cured materials is only detectable at a higher

PTFE content, but that post-curing provides enough cross-

linking to increase the modulus signi®cantly. For example,

whereas the cured materials could only be distinguished

from the greenleaf ®lms above 50 wt% PTFE content, the

post-curing increased the modulus at all PTFE levels by an

average of ca. 120% over the modulus of the uncured

samples. Fig. 1(A) also suggests a dramatic increase in the

modulus above 50 wt% PTFE, which may indicate some

development of connectivity between the PTFE ®ller parti-

cles. While some increase is observed as the PTFE content

is increased from 0 to 40 wt%, it is a minor change in

comparison to the modulus increase provided by the

cross-linking. For example, the 20 wt% PTFE ®lm after

post-curing exhibited the same modulus as the 40 wt%

PTFE greenleaf or cured ®lms. On the other hand, as

PTFE begins to form the majority of the matrix, the level

of PTFE content can be seen to become more important to

the ®nal modulus of the ®lm. Speci®cally, the modulus of

the 60 wt% green leaf or cured ®lms is higher than that of

the post-cured 40 wt% ®lm, indicating a greater increase

based on the PTFE level. Fig. 1(A) also shows that the

increase in modulus due to cross-linking is multiplied by

increasing the level of PTFE content particularly above

50 wt%.

In tensile testing, the `toughness' is calculated by numeri-

cally integrating the stress±strain curve and this provides a

measure of the energy per unit volume absorbed by the

material before it breaks. As Fig. 1(B) shows, the toughness

of the ®lms varies signi®cantly relative to the PTFE content

and the degree of cure. Prior to curing, it can be seen that the

toughness systematically decreases with PTFE content from

38 MPa at 0.0 wt% PTFE to 3 MPa at 70 wt% PTTE. The

convolution of the PTFE content with the degree of cure

alters the behavior signi®cantly. For example, the toughness

of the cured and post-cured materials is ca. 14 MPa at 0 wt%

PTFE and it increases to ca. 33 MPa at 20 wt% before

decreasing back to 2 MPa at 70 wt%. This behavior is not

unexpected in view of the uncross-linked weaker matrix

phase whose failure is enhanced by the stress concentrator

effect promoted by the more rigid ®ller PTFE phase. As

compared to the greenleaf materials in the range of

20±60 wt%, curing or post-curing the ®lms appears to

reduce the rate of toughness loss as the PTFE content is

increased. To understand this behavior, a closer examina-

tion of the stress±strain curves is required.

Fig. 2(A) shows the representative stress±strain behavior
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of the greenleaf materials, revealing two systematic trends:

the modulus increases and the strain-at-break decreases with

increasing PTFE content. It is also interesting to note that

the character of the curves shifts from being very typical of

elastomeric deformation behavior at 0 wt% PTFE to having

a more plastic character at 70 wt% PTFE. This can be seen

in that as the PTFE fraction is increased, a yield point devel-

ops and becomes much more distinct; also, the draw region
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or the irrecoverable ¯ow region becomes easier to

distinguish. Similar alterations in the character of the stress

response have been observed in elastomeric systems that

have been reinforced with inorganic ®llers such as rock

salt and glass beads [15]. This behavior is considered to

result from the close packing which occurs at higher ®ller

contents. In other words, as the composite material is

stretched, the close proximity of the ®ller particulate not

only promotes stress concentration but may also impede

local large scale deformation from occurring, which results

in much lower strain-at-break values.

The cured and post-cured materials exhibit behavior that

is less straightforward. As the representative curves in

Fig. 2(B) and (C) show, the moduli of the materials system-

atically increase with the PTFE content. Also, like in the

greenleaf ®lms, the yield point and draw regions become

more distinct. Unlike the greenleaf materials, however, the

strain-at-break behavior is signi®cantly different. For the

cured materials, the strain-at-break is relatively constant

with respect to the PTFE content remaining in the 8±9 strain

units region between 20±60 wt% PTFE. This is two strain

units higher than the point of break for the 0 wt% PTFE

®lm. Likewise, the post-cured materials with 20 and

40 wt% PTFE exhibit an increase in the strain-at-break

over the 0 wt% PTFE post-cured sample. This is important

to note because, after the initial yielding behavior (ca. 0.5

strain), the stress±strain curves of Fig. 2(B) are remarkably

similar regardless of the PTFE content. Fig. 2(C) displays

similar stress±strain behavior.

This mechanism appears to depend upon the interaction

of the cross-linking with the level of PTFE content. Exam-

ining the variation of the degree of cure at each level of

PTFE content separately can facilitate discerning the nature

of that mechanism. Fig. 3(A) reveals that with no PTFE

particulate present, the strain-at-break decreases systemati-

cally from 10 in. the greenleaf ®lm to 4.8 in. the post-cured

sample. Even with the lowest PTFE fraction studied,

Fig. 3(B) suggests that adding 20 wt% PTFE signi®cantly

alters the mechanical behavior. Both the uncured and the

cured ®lms broke at the same strain (ca. 9.2) and the cured

sample exhibited higher load bearing, breaking at a stress of

8.8 MPa compared to 7.5 MPa for the uncured ®lm. The

post-cured sample also exhibited higher load bearing at

each strain, which must be a result of the higher level of

cross-linking. Similar behavior of increasing load bearing

capability with increasing level of cross-linking can also

be observed in the 40 wt% PTFE material in Fig. 3(C).

In summary, Fig. 3(A) shows that without the PTFE

particles, cross-linking results in breaking at lower strain

levels; however, Fig. 3(B) and (C) indicates that adding

PTFE particulate increases the toughness by maintaining

or increasing the strain-at-break while raising the load

bearing.

The stress±strain behavior of the 20 and 40 wt% PTFE

cured and post-cured ®lms demonstrates further that the

draw or irrecoverable ¯ow domain of the response curve,

in addition to the increase in load bearing, is responsible for

the increases in toughness as the material is cross-linked.

These data suggest two conclusions regarding the interac-

tion of the PTFE content with the level of cross-linking.

First, they indicate that in the presence of cross-linking

enough stress is transferred to the PTFE particles to improve

the toughness. This could occur either by distributing

the stress more evenly throughout the material and/or

by the PTFE undergoing a relaxation mechanism of its

own. The other conclusion suggested by the stress±strain

data is that without cross-linking, enough strain is not borne

by the PTFE component to increase the toughness. In other

words, it is hypothesized that without cross-linking, the

stiffness of the elastomer at room temperature is too low

to transfer enough stress to the PTFE particles to increase

the toughness.

This hypothesis can be tested by examining the thermal

dependence of the stress±strain behavior of specially fabri-

cated greenleaf ®lms. Typical greenleaf ®lms (i.e. those

studied in most of this work) do contain curative agents

but do not see a curing step following casting. Some level

of cross-linking is generally thought to occur during the

drying step, however, as will be discussed in Section 4.

For this part of the study, three ®lms were therefore made

that contained no curative, thus allowing for the thermal

in¯uences to be tested without any potential for cross-link-

ing. As can be seen in the 0 wt% PTFE in Fig. 4(A), the

40 wt% PTFE in Fig. 4(B), and in the 60 wt% material in

Fig. 4(C), there is a strong in¯uence of temperature on the

response to deformation in the thermal range from 0±208C.

Because the glass transition of the FKM component occurs

at ca. 2108C at 1 Hz in DMA testing, the viscosity of the

FKM is understood to be changing rapidly in that range. At

58C and at the rate of deformation used, the materials

behave as ductile plastics, exhibiting distinct yield points

and undergoing irrecoverable ¯ow. As the temperature

approaches 198C, the materials are so extensible that the

Instron could not extend far enough to stretch them to the

breaking point. It is hypothesized that the high extensibility

at these temperatures is augmented by the fact that the

nascent crystalline PTFE must have very few entanglements

as suggested earlier. Above 198C, the FKM viscosity drops

so much that the rapid stress relaxation in the ®lms leads to

loss of load bearing capability at systematically lower strain

values.

The moduli data from these tests are summarized in

Fig. 5(A). These data again show the increase in modulus

with the increased PTFE content of the ®lm, and the clear

increase in modulus as the temperature approaches the glass

transition of the elastomeric matrix. As the temperature is

decreased, it also appears that the 60 wt% PTFE material

undergoes a step jump in modulus at ca. 198C and it is

hypothesized that this occurs as a result of the PTFE crys-

tal±crystal transition which occurs at that temperature

which in¯uences the deformability of the PTFE particles.

The toughness data from these experiments is exhibited in
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Fig. 5(B) which shows, as Fig. 4(A)±(C) suggested, that the

materials have the greatest toughness in the thermal range of

13±198C. The strong maximum in Fig. 5(B) at 158C for the

40 wt% PTFE ®lms should be recognized to be lower than

the true peak as a result of the 17 and 198C materials not

breaking in the Instron. The 60 wt% material indicates that

the true peak in toughness occurs at ca. 198C. Although the

toughness peak for the 0 wt% ®lm was incompletely

determined because fewer of its samples broke in the test

instrument, it is possible that the peak in toughness observed

at 198C for the 60 wt% sample was due to the presence of

the PTFE particulate and not to the elastomer alone. There-

fore, this toughness peak behavior is suggested to result

from increasing the transfer of shearing forces from the

elastomeric matrix to the PTFE particulate. Furthermore,

it is hypothesized that as the viscosity of the elastomer is

modi®ed either by cross-linking or by thermal variation,

more of the load is transferred to the PTFE component

resulting in increased toughness.

Although not a key part of this study, it was of interest to

compare the modulus data for the greenleaf systems to the

standard theories of ®lled system behavior. Three approxi-

mations were applied: the Guth±Smallwood equation

Eq. (1), the Kerner equation Eq. (2), and the Mooney

equation Eq. (3) [16±18].

E � E1b1 1 kEf2 1 14:1f2
2c �1�

E � E1 1 1
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15�1 2 n1�
8 2 10n1
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E � E1 exp
kEf2

1 2 �f2=fM�

" #
; �3�

where E is the observed modulus of the ®lled system;

E1 the modulus of the matrix; kE Einstein's coef®cient,

2.5 for well-dispersed, wetted spherical ®ller; f 1 and f 2

the volume fractions of matrix and ®ller, respectively;

n 1 Poisson's ratio of the matrix; and fM the maximum

®ller volume fraction (1.0 is maximum, 0.714 ®ts most

data).

As shown in Fig. 6, the Kerner and the Mooney equations

provided the best predictions for the action of the reinfor-

cing PTFE. The quality of the ®t of the Kerner equation

suggests that its assumptions as applied here may be reason-

able. These assumptions are that Poisson's ratio of the

matrix is 0.5 and that the PTFE particulate is much more

rigid than the matrix. The Guth±Smallwood and the stan-

dard (i.e. kE � 2:5� Mooney equations showed reasonable

agreement below 20 wt%, as observed in many other

systems [16,18], but both over-predicted the moduli above

this PTFE content. This was expected based on their deriva-

tions for systems with low ®ller volume fractions [16,18]. It

was found that the Mooney equation is not strongly depen-

dent upon the value of fM used, but that it does vary signif-

icantly with kE. As stated earlier, the coef®cient kE in the

Mooney equation is equal to 2.5 for well-dispersed spherical

particles; however, as shown in Fig. 6, when this is adjusted

to 1.1, the equation ®ts very well. Since the assumption that

kE � 2:5 is not valid, this may suggest that the PTFE is not

functioning as a well-dispersed, `wetted' spherical ®ller in

the FKM matrix. Because little interpenetration of the FKM

and PTFE phases is expected, due to the high crystallinity of

the PTFE phase, an alternative hypothesis is that the PTFE

does not have good adhesion to the matrix. Thus, voids may

be developing as the ®lm is deformed or the matrix may be

¯owing around the PTFE particles.

3.2. Mechanical and viscoelastic properties Ð dynamic

mechanical analysis

To further examine the thermal dependence of mechan-

ical properties, these materials were tested using DMA. In

Fig. 7(A), (C) and (E), the storage moduli of the greenleaf,

cured and post-cured materials are compared at various

levels of PTFE content. Only minimal differences could

be observed in the glassy state (below 2258C), although

the higher PTFE content ®lms tended to exhibit slightly

higher storage moduli. It can also be seen in Fig. 7(A),

(C) and (E) that the relaxation rate near the glass transition

(ca. 2108C) systematically decreases for each higher level

of PTFE content. However, no corresponding variation in

the location of the tan d peak was observed, as shown in

Fig. 7(B). These two observations suggest that the phases

are relatively well separated (i.e. the FKM tan d peak does

not shift) and that PTFE is adding a new relaxation slightly

above the FKM glass transition. This hypothesis will be

elaborated on below. As observed with the tensile testing,

the storage moduli systematically increase with each higher

level of PTFE content above the FKM glass transition at

ca. 2108C.

Fig. 7(B) also shows more clearly than Fig. 7(A) that the

glass transition region steadily becomes broader as PTFE

particulate is added. This suggests that adding the ®ller

widens the range of molecular mobilities in the blended

material. These ®gures clearly reveal, however, that the

ca. 2108C peak of the FKM glass transition does not shift

to higher temperatures, but rather only the high temperature

side of the tan d peak base appears to broaden. In the light of

the dramatic change in the magnitude of the tan d peak but a

lack of any change in its location, this skewed basal broad-

ening is hypothesized to indicate a separate, higher tempera-

ture relaxation mechanism not related to the FKM phase. As

PTFE is added, the peak is systematically reduced from 1.4

at 0 wt% PTFE to 0.4 at 70 wt% PTFE. This expected

behavior correlates well with the reduction in material in

the ®lm that is undergoing its glass transition at that

temperature.

The cured and post-cured materials show many similar

trends observed in the greenleaf ®lms. The storage moduli

are presented in Fig. 7(C) and (E), and the respective tan d
curves are presented in Fig. 7(D) and (F). One difference

between these and the greenleaf ®lms is the narrowness of

the FKM glass transition in the 0 wt% PTFE cured and

post-cured materials observed in Fig. 7(C) and (E). It can

be observed there that the ¯at rubbery plateau is reached at

ca. 08C, instead of 1508C as in the greenleaf ®lm. It is

hypothesized that the greenleaf materials would have a

similar distinctness to their glass transitions if they

could be adequately dried after casting without cross-link-

ing. Since water is a by-product of the cross-linking reac-

tions, an alternate hypothesis is that water is evolving in

the greenleaf ®lms as they are heated during the DMA test.

Similar to the greenleaf ®lms, Fig. 7(C) and (E) shows that
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increasing the PTFE content systematically increases the

storage moduli in the rubbery region. In terms of altering

the character of the thermal spectrum of the storage modu-

lus, however, the most signi®cant effect of adding the

PTFE is the broadening of the glass transition region at

ca. 2108C. As will be shown in the tan d analysis of Fig. 8,

this broadening is considered to result from the convolu-

tion of the FKM glass transition at ca. 2108C with the

PTFE crystalline transitions. The glass transition in

Fig. 7(C) and (E) is observed to become consistently

more indistinct as the PTFE component is increased,

until a truly ¯at rubbery plateau cannot even be identi®ed

in the 60 and 70 wt% PTFE post-cured ®lms as compared

to the 0 wt% PTFE ®lms. Also, in comparing Fig. 7(C) and

(E), it may be observed that in the range of 200±3508C the

level of PTFE content only increases the storage modulus
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Fig. 7. In¯uence of PTFE wt% on the DMA results: (A) storage moduli and (B) tan d curves of greenleaf materials; (C) storage moduli and (D) tan d curves of

cured materials; and (E) storage moduli and (F) tan d curves of post-cured materials.
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in the post-cured materials. Finally, it can be noticed in all

the storage moduli data that as the PTFE fraction of the

composition is increased, a distinct relaxation occurs at

ca. 3508C and this corresponds to the melt temperature of

the PTFE.

An interesting observation is that a minor peak appears in

the tan d curves of the 60 and 70 wt% PTFE ®lms at

ca. 808C. It is especially clear in the post-cured ®lms of

Fig. 7(F) that this peak only occurs at high PTFE content,

suggesting that, just as with the PTFE melting peak at

3508C, this relaxation is occurring only in the PTFE phase

of the ®lm. This is corroborated by studies on pure PTFE

which have shown that a beta relaxation peak occurs at ca.

1008C for highly crystalline PTFE materials [19].

To display more clearly the effects of PTFE content on

the in¯uence of cross-linking on DMA behavior, some of

the data from Fig. 7 are replotted in Fig. 8. Fig. 8(A) and (B)

represents the 0 wt% PTFE ®lms, Fig. 8(C) and (D) the

B.D. Kaushiva et al. / Polymer 42 (2001) 4619±4633 4629

C)

A)

E)

D)

B)

F)

-100 0 100 200 300 400
0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4
0 wt% PTFE Greenleaf
0 wt% PTFE Cured
0 wt% PTFE Post-Cured

Ta
n

D
e

lt
a

Temperature [˚C]

-100 0 100 200 300 400

106

107

108

109

70 wt% PTFE Greenleaf
70 wt% PTFE Cured
70 wt% PTFE Post-Cured

S
to

ra
g

e
M

o
d

u
lu

s
[P

a
]

Temperature [˚C]

-100 0 100 200 300 400
0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4
70 wt% PTFE Greenleaf
70 wt% PTFE Cured
70 wt% PTFE Post-Cured

Ta
n

D
e

lt
a

Temperature [˚C]

-100 0 100 200 300 400

106

107

108

109

40 wt% PTFE Greenleaf
40 wt% PTFE Cured
40 wt% PTFE Post-Cured

S
to

ra
g

e
M

o
d

u
lu

s
[P

a
]

Temperature [˚C]

-100 0 100 200 300 400
0.0

0.2

0.4

0.6

0.8

1.0

1.2

1.4
40 wt% PTFE Greenleaf
40 wt% PTFE Cured
40 wt% PTFE Post-Cured

Ta
n

D
e

lt
a

Temperature [˚C]

-100 0 100 200 300 400

106

107

108

109

0 wt% PTFE Greenleaf
0 wt% PTFE Cured
0 wt% PTFE Post-Cured

S
to

ra
g

e
M

o
d

u
lu

s
[P

a
]

Temperature [˚C]
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40 wt% PTFE ®lms, and Fig. 8(E) and (F) the 70 wt% PTFE

®lms. The data for the 20 and 60 wt% ®lms are not

presented because they exhibited the same trends shown

by the other blend compositions. It can be clearly observed

in the storage modulus graphs of Fig. 8 that all the greenleaf

®lms exhibit a distinct shoulder beginning at ca. 25±508C
which, as discussed earlier, correlates well with the broad

transition observed in the tan d plots at ca. 50±1508C. This

shoulder is conjectured to originate potentially in the vapor-

ization of water which either remains from casting the ®lm

or is evolved during curing of the FKM phase as the DMA

test proceeds. It may also be observed on comparing the

tan d plots of Fig. 8, that the basal broadening of the main

peak only occurs as PTFE is added. In Fig. 8(B), the peak

appears very sharp, ending at ca. 108C for all levels of cure.

In Fig. 8(D), the peak appears to be skewed so that it ends in

the ca. 208C range. Finally, in Fig. 8(F), it is clear that a

second transition is underlying the main FKM transition and

is causing the apparent skew. Since this peak appears to

become more pronounced at higher PTFE contents and

since a PTFE crystalline transition is known to occur at

ca. 198C, it is hypothesized that this second peak is solely

related to the PTFE phase.

4. Polymer morphology

Characterization of the solid state was performed with

solvent extraction, AFM, and TEM. Solvent extraction

was performed to characterize the formation of covalent

cross-links during the curing and post-curing steps in the

0 wt% PTFE samples. The samples were kept in boiling

solvent until the greenleaf materials were solubilized as

much as possible; however, none of the greenleaf ®lms

tested were completely soluble. As shown in the data of

Fig. 9, ca. 95% of the greenleaf material was extractable,

indicating that an extensive three dimensional covalent

network has not formed due to heating in the drying steps

of the ®lm production. It was not completely soluble,

however, suggesting that some degree of cross-linking has

occurred. After curing, ca. 79% of the ®lms were extracta-

ble. This is a relatively small change and it suggests that

little of the material is bound into a covalent network. The

post-curing steps resulted in substantially more cross-link-

ing as only ca. 42% of the material was extractable. These

latter data illustrate that even with the conventional cross-

linking methodology utilized, a signi®cant sol fraction still

existed which indicates the dif®culty in promoting a fully

cross-linked network in ¯uoroelastomers produced by these

methods. These results also correspond well with the

mechanical behavior, in that little change occurs as a result

of the curing step but that the post-cure induces signi®cant

levels of cross-linking.

TEM provides a 2-D projection of a ca. 70±110 nm thick

cross-section of the ®lm. Using TEM to characterize these

materials presented one large dif®culty in that the PTFE

particulate rapidly undergoes chemical changes upon expo-

sure to the electron beam. Upon initial viewing the 0.2±

0.5mm PTFE particulate appears darker than the elastomer

indicating higher electron density than the matrix, which is

expected given the high crystallinity of the PTFE. Within

5±15 seconds, however, the particulate in the matrix turns

white indicating strong interaction with the electron beam. It

is hypothesized that this change may be due to chain scis-

sion and degradation caused by the electron beam, as has

been noted in PTFE by other workers [20,21]. The beam

damage occurred too quickly to collect micrographs at

higher (at or above ca. 10,500 £) magni®cation. However,

by focusing on one place and then moving to an adjacent

area and then collecting the image immediately, it was

possible to observe the morphology at ca. 3,300 £ before

it changed. Magnifying from the negative provides the close

views shown in Fig. 10. Fig. 10(a) is the micrograph

collected initially, and it may be seen that the black PTFE

particles have a much higher electron density than the white

FKM matrix. Also it may be noted that, prior to the onset of

beam damage, the particles appear to be aggregated and to
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damage in an as-cast greenleaf ®lm containing 60 wt% PTFE and (b)

showing the same area following the onset of radiation damage.



exhibit some apparent connectivity. This correlates well

with the stress±strain behaviour of Fig. 2. Fig. 10(b) was

collected ca. 15 seconds later, and it may be seen that the

beam damage has signi®cantly altered the morphology. The

FKM appears darker, and the PTFE particles appear

smaller and whiter. This indicates that the PTFE has

lost electron density. Also, even in this incompletely

damaged sample the particles appear less aggregated and

interconnected. These changes suggest that detecting altera-

tion in polymer morphology requires collection and analysis

of micrographs of the cross-sections prior to the onset of

beam damage.

The four micrographs of Fig. 11 examine the morphology

of as-cast ®lms as a function of PTFE content. Fig. 11(a) and

(b) shows that at 20 wt% PTFE, the ®lms show some ca.

1±2 mm clusters of discrete particles that are separated by

ca. 1 mm of relatively PTFE poor regions. Also, Fig. 11(a)

and (b) presents the ®rst micrographs in which particle

`pull-out' may be observed, as indicated by the arrows.

This is an artifact which occurs when the knife comes to a

particle much thicker than the ca. 70±100 nm thick section

it is cutting. Rather than cut, the particle merely pulls out of

the section leaving a hole. This frequently occurs in compo-

site materials where there is no signi®cant bonding/adhesion

between the matrix and the ®ller.

Fig. 11(c) and (d) shows the morphology of ®lms with 40

and 60 wt% PTFE, respectively. It should be noted that

the section is somewhat thicker in Fig. 11(c) resulting in

the appearance of more PTFE particles. The tendency of the

PTFE particles to form clusters may be observed in all the

micrographs. The difference between the samples appears to

be the frequency of the PTFE poor domains. As the weight
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Fig. 11. TEM micrographs of as-cast greenleaf ®lms containing (a) and (b)

20 wt% PTFE, (c) 40 wt% PTFE, and (d) 60 wt% PTFE. White arrows

indicate `pull-out' artifacts.

b)a)

Fig. 12. Phase images from tapping-mode AFM: (a) of the carrier ®lm side of a 20 wt% PTFE ®lm and (b) of the carrier side of an 80 wt% PTFE ®lm.



percent of PTFE is increased, space ®lling considerations

reduce the distance between the PTFE particle clusters.

Thus, the 60 wt% PTFE ®lm of Fig. 11(d) exhibits the

most even distribution of PTFE particles.

When compared to the experimental challenges of TEM,

tapping-mode AFM is a technique that is ideal for studying

the surface-plane morphology of thin ®lms. Phase imaging

with AFM is based on tracking phase offsets or differences

between the drive oscillation to the cantilever probe and the

actual oscillation of the cantilever tip as it interacts with the

surface of the sample. For the instrument used at typical

drive amplitudes, harder material induces higher phase

offsets which are shown as white in the phase images.

Thus, as shown in Fig. 12(a), PTFE particulate are shown

as white corresponding to high phase offsets and the elasto-

mer appears as a moderate phase offset. In the non-deformed

samples, these micrographs showed great similarity to the

results from TEM. As can be seen in Fig. 12(a), at 20 wt%

PTFE, particulate are seen to be dispersed in the FKM

matrix. Unlike the TEM micrographs, Fig. 12(a) does not

reveal structure larger than ca. 0.3 mm. However, because

AFM only reveals structure to a depth of ca. 10 nm, it is not

expected that large particles would be fully visible unless

they are oriented near to parallel with the ®lm surface. Fig.

12(b) is a phase image of an 80 wt% PTFE ®lm and it

provides further con®dence in this technique in that the

same type and size of particulate are observed as in

Fig. 12(a). As indicated by the arrow in Fig. 12(b), some

®bril structures ca. 0.05 mm across and ca. 0.1±0.6 mm

long were also occasionally observed. As this was repre-

sentative of the ®lm surface, it is unclear whether small

amounts of ®brillation occur at high PTFE content during

the normal casting process or whether this was induced

by the handling which occurred as the ®lm was removed

from the carrier. In¯uences of deformation upon the struc-

tural aspects of these materials are more fully discussed

elsewhere [22].

5. Conclusions

This study has elucidated the structure±property relation-

ships of poly(tetra¯uoroethylene)±poly(tetra¯uoroethylene-

co-vinylidene ¯uoride-co-hexa¯uoropropylene) (PTFE/

FKM) cast blends. It has been shown that increasing the

PTFE content of the blend or cross-linking of the FKM leads

to systematically higher modulus and generally reduced

toughness. In DMA, these two factors were also shown to

increase the rubbery moduli of the ®lms and to reduce the

magnitude of the tan d peak corresponding to the FKM glass

transition. Temperature was also shown to have signi®cant

effects on the deformation behavior of the greenleaf (non-

cross-linked) ®lms. It was shown that, for the deformation

rate utilized, there is a maximum in the toughness of the mate-

rials near 17±198C, which is hypothesized to be a result of a

maximum in the transfer of shear stress to the PTFE particles.

Corresponding well with the mechanical behavior of the ®lms,

it was also demonstrated via solvent extraction that the curing

step only marginally cross-links the FKM, but that the post-

curing treatment leads to dramatically higher degrees of cross-

linking.

TEM was used to examine the morphology of ®lms. Some

aggregation of the 0.2 mm PTFE particles was observed to

occur at all levels of PTFE content studied, from 20 to

60 wt% PTFE. The main morphological difference observed

to be dependent on the PTFE content appears to be the

formation of micron sized domains which are relatively

poor in PTFE particles. At higher PTFE contents, these

domains were not observed. It is worth noting that even at

80 wt% PTFE, as studied via AFM, the FKM always forms

a continuous elastomeric matrix.
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